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a b s t r a c t 
The interactions of He with four dislocation types in face-centered-cubic (fcc) Ni are investigated by 
molecular dynamics simulations using an embedded-atom method (EAM) model. The binding energies of 
He in and near the cores of different dislocation types were calculated. Interstitial He has the strongest 
interaction with edge dislocations among the four investigated dislocations. Moreover, He has a negative 
binding energy on the compression side of the edge dislocation and positive on the tension side. Further 
calculations suggest that the attractive or repulsive natures of the He-dislocation interactions depend on 
both the direction of approach (compression versus tension side) and the positions of He relative to the 
strongest binding energy sites of the extended edge dislocation. The dependence may result in disloca- 
tion pinning via the character of the short-range interactions between interstitial He and neighboring Ni 
atoms. 
© 2016 The Authors. Published by Elsevier Ltd. 
This is an open access article under the CC BY-NC-ND license 
( http://creativecommons.org/licenses/by-nc-nd/4.0/ ). 
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 1. Introduction 
Structural material embrittlement by He is crucial in advanced
nuclear ﬁssion reactors. These reactors operate at higher temper-
atures and higher irradiation doses [1] , leading to the production
of larger amounts of He. In addition, almost all structural materi-
als can produce He by (n, α) transmutation reactions in the re-
actor conditions. He can accumulate both in the matrix and at
defects such as dislocations and grain boundaries, because of the
extremely low solubility of He in metallic materials. Accumulation
can cause the formation of He bubbles and the further coarsening
of these bubbles. Suﬃcient concentrations of He can signiﬁcantly
degrade the mechanical properties of materials, thus resulting in
the embrittlement of the materials [2,3] . Embrittlement can de-
crease the strength and ductility [2,4] , increase low-temperature
irradiation hardening [5] , and degrade the lifetime of the
material [6] . 
Previous experimental studies have attributed He embrittle-
ment to the clustering of vacancies and He atoms and the sub-
sequent coarsening of bubbles and voids [7–9] . He was shown∗ Corresponding author. 
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2352-1791/© 2016 The Authors. Published by Elsevier Ltd. This is an open access article uo promote cavity and dislocation loop growth [10–13] , and to
nduce void swelling. In addition to these microstructural changes,
nteractions between He and defects also increased the hardness
nd decreased the ductility of materials [14,15] . More recent stud-
es showed that He implantation increased the ultimate tensile
trength of pure Ni [16,17] and decreased the yield stress and ten-
ile strength of pure Fe (99.995%, Johnson-Matthey) [18] . At 750 °C,
e ion irradiation greatly increased intragranular corrosion of Ni-
ased alloys in LiF–NaF–KF molten salts [19] . Although the issue
f He embrittlement has attracted much experimental attention
n recent decades, the basic mechanisms underlying these effects
emain unclear. Experimental and theoretical studies demonstrate
hat dislocations are universal in metal structures and carry plas-
ically deformed material. The mechanical behavior of a metal de-
ends on the nature of dislocations and the interactions between
islocations and other defects within the metal. Therefore, micro-
copic mechanisms on the atomic scale regarding interactions be-
ween dislocations and He atoms are worth investigating to under-
tand the mechanisms of He embrittlement. 
Computer simulations provide important insight into the funda-
ental understanding of complex atomic-level processes of defects
hat affect the microstructural evolution of materials. Recently, par-
icular attention has been focused on the interactions between
e and various defects in α-Fe. Such interactions have beennder the CC BY-NC-ND license ( http://creativecommons.org/licenses/by-nc-nd/4.0/ ). 
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Fig. 1. Simulation system geometries. (a) Edge dislocation. (b) Screw dislocation where the dislocation line is the axis line (i.e., z direction). (c) Screw dislocation dipoles: 
the system has two screw dislocations; red arrows denote the sites of the two dislocations. (d) Extended edge dislocation obtained by dissociation of full edge dislocation. 
Shockley partials are denoted by inverse T; regions enclosed by red rectangular border represent stacking faults (SFs). All shaded areas represent slip planes. 
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t  ystematically investigated using molecular dynamics, molecular
tatics, and kinetic Monte Carlo methods [20–25] . The results have
hown that interstitial He is strongly trapped in dislocation cores;
nterstitial He is either repelled from or trapped by the same cores
epending on the direction of approach by individual atoms [24] ,
nd the dislocations can provide migration paths for the diffusion
f He [25] . Previous works have attained much knowledge on the
ssue, however, some mechanisms remain unclear, and many re-
aining problems are worth further study. The type of dislocation
hat eases the formation of He bubbles has not yet been deter-
ined. Moreover, the understanding of He atomic behavior in Ni
s very limited, despite Ni being the main component of structural
aterials in molten salt reactors. Detailed interactions between He
nd different Ni dislocations remain poorly characterized. 
This work investigates the behaviors of He in the presence
f various dislocations in pure Ni and advances the understand-
ng of the effects of He on the mechanical properties of metallic
aterials. 
. Simulation method 
All molecular statics simulations in this work were per-
ormed using the three-dimensional molecular dynamics (MD)
ode LAMMPS developed at the Sandia National Laboratory [26] .
nteratomic potentials employed here are the H. W. Sheng [27] ,
ziz [28] , and Wei Zhang [29] to describe the interactions of Ni–
i, He–He, Ni–He, respectively. For the Ni–He potentials employed
mbedded-atom method (EAM) model was ﬁtted to formation en-
rgies of different defects, migration barrier and the behavior of
mall He clusters using the Potﬁt [30] . The lattice parameter a 0 and
ohesive energy for fcc Ni is 0.35 nm and −4.44 eV/atom, respec-
ively. During the energy minimization, the conjugate gradient (CG)
ethod, with a time step of 0.5 fs and an energy tolerance equalo 10 −12 , determined the relaxed conﬁgurations of the He and sur-
ounding Ni atoms, as well as the energy of the relaxed conﬁgu-
ation. The common neighbor analysis (CNA) [31] with a cutoff of
.30 (nm) was used to recognize crystalline defects (i.e., non-fcc
toms) [32] , and visualizations of the atomic conﬁgurations were
btained using the OVITO software package [33] . 
Four simulation systems were introduced for the four differ-
nt crystal defects investigated in this study. First, we consid-
red isolated edge dislocations; the simulations were performed
n a rectangular box having x -, y -, and z -axes oriented along
he [1 1 0] , [1 1 1], and [1 1 2 ] directions, respectively. The four
tomic layers normal to the [1 1 1] direction were removed to
reate two free surfaces, with two vacuum regions along the y
irection. In addition, periodic boundary conditions (PBCs) were
mployed along the z (i.e. dislocation line direction) to mimic an
nﬁnitely long dislocation. PBCs were also introduced in the x or
islocation slip direction, to avoid dislocation-surface interactions.
he dimensions of the simulation cells were 2.7 ×8.5 ×5.2 nm, con-
aining 9,072 atoms, as shown schematically in Fig. 1 (a). Second,
imulation cells containing a single isolated screw dislocation and
crew dislocation dipoles were investigated, with x -, y -, and z -
xes oriented along the [1 1 2 ] , [1 1 1], and [1 1 0] directions, re-
pectively. The former model, containing the isolated screw dislo-
ation, employed cylindrical cells with 10,340 atoms. The cylinder
iameter and axis lengths were 7.5 nm and 2.5 nm, respectively, as
hown schematically in Fig. 1 (b). PBCs were employed along the z -
xis. A vacuum region was created along the radial direction by re-
oving atoms outside the cylindrical cell within a rectangular box.
he latter model, containing screw dislocation dipoles, was com-
osed of rectangular cells. The dimensions of these simulation cells
ere 16.4 ×7.4 ×2.5 nm with 27,360 atoms, as shown in Fig. 1 (c).
BCs were employed along all three directions. Finally, for simula-
ion cells containing extended edge dislocations, simulations were
14 J. Xu et al. / Nuclear Materials and Energy 7 (2016) 12–19 
Fig. 2. Top view of (111) slip plane of the equilibrium conﬁguration of an extended edge dislocation. The fcc and non-fcc atoms in the lower A plane are visualized by large 
orange and yellow spheres, respectively; fcc and non-fcc atoms in the upper B plane are visualized by smaller black and red spheres, respectively. Regions of perfect fcc 
crystal, SF, and Shockley partial core (i.e., transition region between perfect fcc and SF) are indicated. 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Fig. 3. (a) Side and (b) top views of the cells. Octahedral (O) and tetrahedral (T) 
occupying sites are shown by small red spheres in the ABCABC packing sequence 
of the perfect fcc lattice. (c) Side and (d) top views, respectively, of octahedral (O ′ ) 
and tetrahedral (T ′ ) occupying sites, shown by small red spheres, relative to the 
ACAC packing sequence of a SF. Orange, black, and green spheres represent atoms 
on the A, B, and C planes, respectively. In (b), only A and B planes are shown; only 
A and C planes are shown for (d). The atoms of the A plane were enlarged for better 
visualizations of the occupying sites. 
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p  performed on rectangular cells having x -, y -, and z -axes oriented
along the [1 1 0] , [1 1 2 ] , and [1 1 1] directions, respectively. The di-
mensions of the simulation cells were 15.1 ×30.2 ×16.8 nm with
711,480 atoms, as shown in Fig. 1 (d). PBCs were adopted along
the x and y directions, while free boundary conditions were em-
ployed along the z direction. All described dislocation models had
the Burgers vector b = a 0 /2 [1 1 0] on the (111) plane, and dislo-
cations were introduced at the simulation cell centers, according
to the anisotropic elastic displacement ﬁeld of the dislocation, by
MD ++ codes [34] . 
Perfect dislocations in fcc materials are known to be unstable,
dissociating easily into partial dislocations separated by stacking
fault (SF) regions. The degree of dislocation dissociation is dictated
by the SF energy of the material. The SF energy in Ni, determined
experimentally, is ∼125 mJ/m 2 [35] , indicating the easy dissocia-
tion of perfect dislocations. To form the extended edge dislocation,
after introducing an edge dislocation to the simulation cell, energy
minimization was performed. As expected, the dislocation dissoci-
ated into two a 0 /6 < 112 > Shockley partials separated by a SF, by
the dissociating reaction α0 / 2[1 ¯1 0] → α0 / 6[2 ¯1 1] + α0 / 6[1 ¯2 ¯1 ] , as
shown schematically in Fig. 2 . The widths of the dissociated edge
dislocation (i.e. the widths of the SF) are 2.38 nm. This agrees well
with other atomistic simulations (2.5 nm in [36] ). 
Before performing the simulations, the positions of the intro-
duced He atoms were considered carefully. Interstitial He can oc-
cupy the octahedral (O) and tetrahedral (T) sites in the fcc Ni
crystal. 
We now discuss the speciﬁc structure of He atoms in fcc Ni in
the presence of defects. Regarding the ABCABC packing sequence
of perfect fcc crystals, O sites are located on the central planes be-
tween adjacent A and B planes, overlapping with the projections
of C-plane atoms, as shown schematically in Fig. 3 (a). A top view
of the central plane depicting only A- and B-plane atoms is also
shown in Fig. 3 (b). T sites in the perfect fcc lattice are also located
on the central planes, but they overlap with the projection of B-
plane atoms, as indicated in Fig. 3 (a) and (b). As the formation en-
ergy of interstitial He at a T site (4.5 eV) was lower than at an O
site (4.65 eV), T sites were found to represent the most stable sites
for interstitial He in fcc Ni, in good agreement with previous ﬁnd-
ings [37,38] . In the remainder of this paper, we chose the T sites
as the occupying sites in perfect fcc lattice. 
In SF regions, O and T sites differ from those in the perfect fcc
lattice. For highly distorted lattices, such as Shockley partial cores,
the O and T sites are typically diﬃcult to deﬁne, as the occupation
sites are named based on their relations to the local lattice struc-
ture. Hence, occupation sites in the SF will henceforth be named
O ′ or T ′ sites, according to the position of the site relative to the a  eference lattice, which is designated as the upper half (along the z
irection) of the lattice. As shown in the side view in Fig. 3 (c), rel-
tive to the ACAC hexagonal close-packed (HCP) sequence of a SF,
 
′ sites are located just under the C-plane atoms. Meanwhile, T ′ 
ites in the SF overlap with the projections of B-plane atoms three
ayers below or above, as shown in Fig. 3 (c) and (d). As the for-
ation energy of interstitial He at a T’ site (4.18 eV) is also lower
han at an O’ site (4.55 eV). Hence, interstitial He preferentially oc-
upies T’ sites also in the SF region. In addition, the distance be-
ween an O ′ site and the nearest neighboring Ni atom is 0.135 nm,
hile that for T ′ sites is 0.178 nm. This suggests that the local den-
ity at T ′ sites is lower than that at the He-occupied O ′ sites in the
F: the most stable positions in the SF may be T ′ sites. Hence, we
lso chose the T’ sites as the occupying sites in SF regions. 
Finally, in this work, binding energy calculations were per-
ormed to analyze the stability of He atoms and the ability of trap-
ing He atoms placed at T sites in the four models introduced
bove. Here, the binding energies E of single He atoms to theB 
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Fig. 4. A schematic diagram of He relative to edge dislocation. 
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Fig. 5. Binding energies of relaxed interstitial He atoms as a function of distance 
from the dislocation core normal to the slip plane. The red line represents the slip 
plane. 
s  
t  
(  
f  
s
3
3
 
i  
f  
t  
m  
r  
s  
m  
p  
f  
t  
t  
t  
c  
n  
m  
e  
d
 
s  
a  
l  
H  
T  
s  
d  
H  
t  
p  
bislocations were deﬁned as the differences between the forma-
ion energy of a He atom in a perfect Ni lattice and the formation
nergies of a He atom at various locations in the ‘dislocated’ lat-
ice, as follows: 
 
s 
B (Disloc + He ) = E per fect f (He ) − E s f (Disloc + He ) , (1)
here E 
per fect 
f 
(He ) = 4 . 5 eV is the formation energy of a He atom
n the perfect Ni lattice and E s 
f 
(Dislo + He ) is the formation energy
f a He atom at the S sites (here, namely any T sites) in the ‘dislo-
ated’ lattice. The previous studies had shown that fcc He was one
f the three phases [39] . We also chose the perfect fcc He as the
eference point [22] .Thus, the formation energy of an interstitial
e atom was deﬁned as 
 
s 
f (Disloc + He ) = E tot (Disloc + He ) − { ε He + E tot (Disloc) } , (2)
here E tot (Disloc + He ) is the total energy of the system with dis-
ocations and a single He atom and ɛ He is the calculated cohe-
ive energy of a perfect fcc He crystal, calculated here as ε He =
0 . 0 074 eV (-0.0 0714 eV [22] and −0.0056 eV [23] ). Here we didn’t
eglect the ε He although the cohesive energy of a perfect fcc He
rystal was negligibly small, in order to ensure the integrity of
hysically signiﬁcant items. E tot ( Disloc )is the total energy of the Ni
ystem with dislocations, but without He. Meanwhile, we also clar-
ﬁed the attractive force or repulsive force between the He with
islocation through the E B which had been widely applied to de-
cript the behavior of He atoms in metals, such as, α-Fe [24,25] . In
ddition, according to the continuum elasticity theory, the binding
nergy ( E B ) of interstitial He with edge dislocation were also given
y 
 B = 4(1 − γ ) 
3(1 − γ ) ·
Gbε r 3 sin α
R 
(3) 
here ε = r ′ −r r , r’ and r were the radius of the He, Ni, respectively
ere. G is the shear modulus of the material, and γ is Poisson’s
atio (less than 1). b = α0 / 2 is the Burgers vector length of the
ull dislocation. ( R, α) are the polar coordinates of interstitial He
elative to the edge dislocation, as shown in Fig. 4. 
Due to r’ < r, so ε< 0. Hence, the E B was less than zero when the
nterstitial He was positioned at 0 <α<π (compression side) and
ore than zero for π<α< 2 π (tension side). Moreover, according
o Eq. (3) , we can obtain the force, namely 
 R = ∂ E B 
∂R 
= −4(1 − γ ) 
3(1 − γ ) ·
Gbε r 3 sin α
R 2 
(4) 
Therefore, due to F R > 0 when the interstitial He was positioned
t 0 <α<π (compression side), the repulsive force was shown, and
n the contrary for introduced He on tension side. It can be seen
hat a positive binding energy represents that it is energetically fa-
orable for the He defect to segregate to the dislocation core (i.e.how attractive force), while a negative binding energy represents
hat the He defect does not want to segregate to the dislocation
i.e. represent repulsive effect). In addition, we didn’t consider the
orces along the dislocation line direction in this work, due to the
imulation of inﬁnite long dislocation line by PBCs. 
. Results and discussion 
.1. Interaction of single interstital He with edge dislocation 
For the model containing an isolated edge dislocation, the bind-
ng energy of an interstitial He atom to the dislocation and the
ormation energy were determined as a function of the distance of
he He atom from the slip plane along a line. The line was nor-
al to (111) plane (i.e. glide plane) through the face-center and
unning through the center of the dislocation core from the ten-
ion to the compression side (i.e., along [111] in Fig. 1 (a)). In re-
ainder of this paper, the lines, along which He interstitial was
ositioned, were also running through face-center of the slip plane
or introduced He normal to the slip plane, and through the cen-
er of dislocation line for introduced He along or paralleling with
he slip plane. In addition, we introduced He interstitials according
o the accurate coordinates of the interstitial sites and only cal-
ulated the static behavior. Thus, He interstitial position changed
egligibly small (3 orders of magnitude smaller) during the energy
inimization. Hence, we chose the He initial positions as the ref-
rence point to determine the distances of the He relative to the
islocation line. 
As shown in Fig. 5 , the binding energy is positive on the ten-
ion side, where the distance from the slip plane is expressed as
 negative value, and negative on the compression side of the dis-
ocation. Clearly, the binding energies are signiﬁcantly smaller for
e located farther from the dislocation core on the tension side.
hese atoms relax to positions near the original tetrahedral inter-
titial sites, and the maximum binding energy is ∼1.1 eV near the
islocation core on the tension side of the dislocation. Hence, the
e atom is repelled when it approaches the dislocation core from
he compression region. On the contrary, an attractive force ap-
ears when He approaches the core from the tension side. Similar
ehaviors occur in α-Fe [24] . 
16 J. Xu et al. / Nuclear Materials and Energy 7 (2016) 12–19 
Fig. 6. Binding energies of interstitial He atoms to the screw dislocation in Ni as a 
function of distance from the dislocation line. 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Fig. 7. Binding energies of interstitial He atoms to the screw dislocation dipoles in 
Ni as a function of distance from the dislocation core along the slip plane (i.e., x 
direction). The two red arrows represent the two dislocation cores of the dipole. 
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l  3.2. Interaction of single interstitial He with screw dislocation 
The binding energies of interstitial He atoms to and in single
screw dislocations are plotted in Fig. 6 as a function of the distance
from the dislocation line. Unlike with edge dislocations, the bind-
ing energies are positive both above and below the slip plane. The
maximum binding energy is ∼0.64 eV near the dislocation core,
and simultaneously, the binding energy of interstitial He to the
a 0 /2 [1 1 0] screw dislocation is overall less than that of interstitial
He to the a 0 /2 [1 1 0](1 1 1) edge dislocation. Therefore, regarding
the ability to trap He atoms, isolated edge dislocations are stronger
than screw dislocations, and similar behavior was discovered for
He atoms in α-Fe [24,25] . Undoubtedly, this relates to the much
smaller excess volume associated with the screw dislocation com-
pared to that of edge dislocations. The lattice around screw dis-
location lines experiences elastic distortion, but only with shear
strain parallel to the dislocation line and not with normal strain,
namely, without volume expansion or contraction. 
In brief, as shown in Fig. 6 , interstitial He atoms are also signif-
icantly trapped near the cores of screw dislocations, because of the
larger binding energy near the core. At signiﬁcantly lower temper-
atures, as well as in the presence of edge dislocations, He is un-
likely to easily escape from the screw dislocation core. However, it
is possible for interstitial He to diffuse along the screw dislocation
core by the so-called “pipe diffusion” mechanism. 
3.3. Interaction of single interstitial He with screw dislocation dipoles 
The binding energies of interstitial He atoms to and in the two
cores of a screw dislocation dipole are plotted in Fig. 7 as a func-
tion of the distance from the left-side dislocation line, represented
schematically in Fig. 1 (c) by the red arrow on the left side. The
maximum binding energy of an interstitial He atom to the screw
dislocation dipoles, which occurs in the two dislocation cores, is
∼0.12 eV. Compared to the single screw dislocation described in
3.2, the binding energies of interstitial He to the screw dislocation
dipoles are overall lower. The interstitial He is most stably located
in the dislocation core, compared with other sites, because this lo-
cation has the lowest formation energy, according to Eq. (1) . 
In addition, we also noted that the binding energy proﬁle plot-
ted in Fig. 7 is non-symmetric. This is mainly related to the posi-
tion of introduced interstitial He and the degree of recombination.
Due to the severe distortions of the lattice with two screw dislo-
cations, it was diﬃcultly to obtain the accurate coordinates of thenterstitial sites. Meanwhile, the degree of recombination for the
ipoles was intimately associated with the position of introduced
e. It was also related to an important motion of the disloca-
ion which was cross-slip motion for screw dislocations. In further
tudies, we had found that the dipoles without He moved towards
ach other. The two screw dislocations didn’t displace but even-
ually annihilated during the energy minimization, as shown in
ig. 8 (b). However, this phenomenon didn’t happen for the model
ith one He atom at the center of slip plane. At different temper-
tures, the cross-slip motion were observed and the dissociation of
he screw dislocations happened in the other plane which always
ormed an angle of 70.77 ° with the initial slip plane, as shown
chematically in Fig. 8 (c). 
Therefore, we can conclude that the trapping ability of the
crew dislocation for He atoms is stronger than that of the screw
islocation dipoles, mainly because of the smaller excess volume
f the isolated screw dislocation. The two screw dislocations with
pposite Burgers vectors forming a dislocation dipole have only
wo ways of movement: annihilated or cross-slip motion. Dislo-
ation movement could decrease the degree of distortion in the
rystal. 
.4. Interaction of single interstitial He with extended edge 
islocation 
Here, we discuss the effects of He atoms on the dissociation and
otion of edge dislocations. As previously mentioned in Section 2 ,
erfect edge dislocations are unstable in fcc lattice and they easily
issociate into pairs of a 0 /6 < 112 > Shockley partials separated by
Fs. The binding energies of an interstitial He atom to an extended
dge dislocation were calculated as a function of its position rela-
ive to the dislocation centerline, deﬁned as the midline between
he two Shockley partials. These calculations are performed by in-
roducing one He atom at different sites around and on the slip
lane, then minimizing the total potential energy of the system.
he slip plane is deﬁned as the central plane between the two A
nd B stacking planes. As shown in Fig. 9 , the binding energy of He
o an extended edge dislocation is almost symmetric with respect
o the dislocation centerline. This is attributed to the symmetry of
he stress ﬁeld around the extended edge dislocation. When He is
ocated on the ﬁrst plane above the slip plane, in the compression
J. Xu et al. / Nuclear Materials and Energy 7 (2016) 12–19 17 
Fig. 8. The illustration of the equilibrium conﬁguration of dipole with and without He. (a) The initial structure of dipole: only the non-fcc atoms (i.e. the atoms belong to the 
dislocation core) are shown. (b) The equilibrium conﬁguration without He after annealing 1.75 ns. (c) The equilibrium conﬁguration of dipole at different temperatures with 
interstitial He which was positioned the center of the slip plane after annealing 1.75 ns. Green, red, and purple spheres represent fcc atoms, SF, and partial cores, respectively. 
Fig. 9. Binding energy of interstitial He to extended edge dislocation. Shockley par- 
tial core positions are indicated by inverse T symbols. 
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cegion, the binding energy is negative with two global minima lo-
ated 1.1 nm from the dislocation centerline. Depending on the He
osition relative to these minimum binding energy sites, attractive
r repulsive forces may develop. As shown in Fig. 10 (a), a repulsive
orce develops on the entire extended edge dislocation when He
s introduced on the ﬁrst plane above the slip plane (compression
egion) at a distance greater than 1.1 nm. With this repulsive force,
he dislocation is weakly repelled by He. However, if He is located
t a horizontal position closer than the global minimum, the dislo-ation is strongly repelled, as shown in Fig. 10 (b). By comparison,
f He is introduced on the second, rather than the ﬁrst plane above
he slip plane, the repulsive force weakens as evident in Fig. 9 ,
specially when He is far from the global minimum position, as
hown in Fig. 10 (c). Notably, while an attractive or repulsive force
ay be exerted on the dislocation by elastic interactions with He,
his force generally does not exceed the Peierls stress required
or dislocation motion. Thermal activation may dominate, encour-
ging He diffusion to maintain the global energy minimum rather
han dislocation motion. The observed here dislocation motion on
 small scale were chosen to show the He-dislocation interaction
xplicitly; the low Peierls stress of straight and inﬁnitely long dis-
ocations in Ni and the short He-dislocation distance permit some
otion. He may be positionally ﬁxed by a relatively high energetic
arrier to atomic motion. In addition, the He atom should have ex-
rted different forces on each of the partial dislocations leading to
 change of their conﬁguration, but due to only one He atom in-
roduced here, the change of the distance between the two partial
ores (i.e. the width of stacking fault) was actually not obvious. Ac-
ording to the elastic theory, the stacking fault width d sf is given
y 
 s f = 
μb 2 
24 πγs f 
2 + ν
1 − ν
here μ is the shear modulus, ν is Poisson’s ratio, γ sf is the in-
rinsic stacking fault energy, and b = α0 / 2 is the Burgers vector
ength of the full dislocation. Thus, d sf and γ sf are inversely pro-
ortional, whereas μ and ν only have minor effects at low He con- 
ent. Hence, the stacking fault width is only related to γ sf at low He
ontent. 
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Fig. 10. Initial and equilibrium conﬁgurations showing the interactions of a He atom (small purple sphere) with the extended edge dislocation. The atom is above the slip 
plane in (a), (b), and (c), below the slip plane in (d), and on the slip plane in (e). The viewing direction is along the dislocation line ( y- axis). Only non-fcc atoms are shown 
(red and blue denote atoms in SF region and partial core region, respectively). Green arrows indicate the dislocation motion during energy minimization. 
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C  For He on the second plane below the slip plane, in the ten-
sion region, the binding energy is positive with two global max-
ima 1.0 nm from the dislocation, as shown in Fig. 9 . An attractive
force develops on the entire extended edge dislocation when the
He atom is placed here; by comparison, the introduction of He
on the ﬁrst plane signiﬁcantly strengthens the attractive force, be-
cause of the decreased binding energy, as shown in Fig. 10 (d). For
He located on the slip plane itself, the binding energy is positive
with two global maxima at 1.0 nm from the dislocation center-
line. This distance is equal to that for He on the ﬁrst plane below
the slip plane, and the binding energies increase as He approaches
the Shockley partial core. However, as He nears the SF region, the
binding energies decrease, as shown in Fig. 9 . When He is located
far from the global maxima, an attractive force develops on the en-
tire extended edge dislocation, as shown in Fig. 10 (e). However, if
He is located on the slip plane near one of the global maxima, a
repulsive force develops on the entire extended edge dislocation. 
Therefore, the Shockley partials clearly have the strongest in-
teractions with He. The strongest attractive interaction develops
when He occupies the slip plane. Meanwhile, the strongest repul-
sive interaction develops when He occupies the one plane above
the slip plane in the compression region. Simultaneously, we note
that the He-dislocation interactions, whether attractive or repul-
sive, rely both on the He occupying sites and on the positions of
the He atoms relative to the strongest binding energy sites. 
4. Conclusions 
In this work, we have calculated the binding energies for the
interactions of He atoms with four dislocation varieties in fcc Ni.
Based on these simulations, we have come to the following con-
clusions. First, all four defects investigated have strong interactions
with interstitial He atoms. Second, edge dislocations have negative
and strong positive binding energies with He atoms on the com-ression and tension sides, respectively, of the dislocations. From
trongest to weakest, the dislocations able to trap He atoms in
i are edge dislocations, screw dislocations, and screw dislocation
ipoles. He is either repelled from or trapped at edge dislocations
n Ni, depending on the direction of approach. Approaching to the
islocation core on the tension side, He is strongly trapped, while
n the compression side, He atoms are repelled. In addition, the
wo screw dislocations with opposite Burgers vectors forming a
islocation dipole have only two ways of movement: annihilated or
ross-slip motion. Finally, Shockley partials have the strongest in-
eractions with He for the extended edge dislocation. The strongest
ttractive interaction between He and crystal defects in Ni devel-
ps when He occupies T sites on the slip plane. The strongest re-
ulsive interaction develops when He occupies T sites on the one
lane above the slip plane, in the compression region. In addi-
ion, both attractive and repulsive He-dislocation interactions rely
n both the He occupying sites and the positions of the He atoms
elative to the strongest binding energy sites. This double reliance
ay result in dislocation pinning due to the character of short-
ange interactions between interstitial He atoms and neighboring
i atoms. 
These fundamental understandings provide a clearer physical
asis of the interactions between interstitial He atoms and crys-
alline defects (e.g. stacking faults and dislocations) in fcc metals.
t is helpful to shed light on several He-induced effects on the col-
ective behavior of dislocations, such as He-induced hardening, de-
reasing the strength and ductility, and inhibited cross slip. This in
urn may aid in providing a better physical interpretation of the
ain mechanisms governing He embitterment. 
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